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Abstract

This paper focuses on the role of grain boundary engineering (GBE) in stress corrosion cracking (SCC) of ferritic–
martensitic (F–M) alloy HT-9 in supercritical water (SCW) at 400 �C and 500 �C. Constant extension rate tensile (CERT)
tests were conducted on HT-9 in as-received (AR) and coincident site lattice enhanced (CSLE) condition. Both unirradi-
ated and irradiated specimens (irradiated with 2 MeV protons at 400 �C and 500 �C to a dose of 7 dpa) were tested.
Ferritic–martensitic steel HT-9 exhibited intergranular stress corrosion cracking when subjected to CERT tests in an envi-
ronment of supercritical water at 400 �C and 500 �C and also in an inert environment of argon at 500 �C. CSL-enhance-
ment reduces grain boundary carbide coarsening and cracking susceptibility in both the unirradiated and irradiated
condition. Irradiation enhanced coarsening of grain boundary carbides and cracking susceptibility of HT-9 for both the
AR and CSLE conditions. Intergranular (IG) cracking of HT-9 results likely from fracture of IG carbides and seems con-
sistent with the mechanism that coarser carbides worsen cracking susceptibility. Oxidation in combination with wedging
stresses is the likely cause of the observed environmental enhancement of high temperature IG cracking in HT-9.
� 2006 Elsevier B.V. All rights reserved.
1. Introduction

One of the most promising advanced reactor con-
cepts for Generation IV nuclear reactors is the super-
critical water reactor (SCWR). Operating above the
thermodynamic critical point of water (374 �C,
22.1 MPa), the SCWR offers many advantages com-
pared to current LWRs including the use of a single
phase coolant with high enthalpy, the elimination
of components such as steam generators, steam sep-
arators, dryers, and a low coolant mass inventory
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resulting in smaller components, and a much higher
efficiency. Since SCW has never been used in nuclear
power applications, there are numerous potential
problems, particularly with materials. Depending
upon the species present and the oxygen content in
the solution, SCW can become a very aggressive oxi-
dizing environment. This is a cause of concern in
regards to both general corrosion and stress corro-
sion cracking (SCC) of the structural materials and
fuel elements of the reactors.

Ferritic–martensitic (F–M) alloy HT-9 has been
identified as a candidate core structural alloy in
SCWR. Preliminary studies have shown that HT-9
experiences high corrosion rates in the SCWR [1].
.
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HT-9 also exhibits IGSCC in SCW at 400 �C and
500 �C [1,2]. Initial studies have shown that proton
irradiation at 400 �C and 500 �C enhances cracking
in SCW [2]. Irradiation enhances diffusion and/or
precipitate redistribution, which can enhance recov-
ery and coarsening.

Grain boundary engineering (GBE) is being
explored as a means of reducing the susceptibil-
ity of HT-9 to IGSCC in SCW. GBE involves a
series of thermo-mechanical treatments designed to
change the grain boundary structure by increasing
the low angle boundary or coincident site lattice
boundary (CSLB) fraction. Due to an increased
structural order and reduced free volume, these
boundaries exhibit relatively low energy and less
segregation, thus providing resistance to intergranu-
lar corrosion. Another potential benefit of GBE is
that these special boundaries induce slip in neigh-
boring grains by either transmitting or absorbing
and re-emitting lattice dislocations, thereby reduc-
ing grain boundary stresses and propensity for crack
formation [3].

According to work done by Hertzberg et al. [4]
fracture in steels is generally initiated at the inclu-
sions or precipitate particles. The critical stress to
propagate a crack is inversely proportional to the
length the crack [4]. If it is assumed that the crack
length at initiation is equal to the diameter of the
carbide particle then the fracture stress will decrease
with increasing precipitate size. Irradiation leads to
coarsening of the precipitates (including carbides) in
addition to the coarsening which occurs under load
and temperature. Lechtenberg et al. [5] observed
that embrittlement of HT-9 is associated with
increased grain boundary carbide precipitation
and coarsening. Gelles et al. [6] and Kai et al. [7]
attributed a decrease in fracture stress and an
increase in DBTT to particle coarsening during irra-
diation. It is believed that coarsening of these parti-
cles would be less in grain boundary engineered
specimens as these low misorientation boundaries
have a lower diffusivity that should result in slower
coarsening rate. Thus if cracking in HT-9 is initiated
at carbide particles, GBE should reduce susceptibil-
ity to SCC.
Table 1
Chemical composition of HT-9 (in wt%) used in this study

Alloy Cr Mo Mn V Ni Si

HT-9a 11.63 1.00 0.52 0.30 0.50 0.22

a Normalization: 0.5 h at 1040 �C (air cooled), tempered: 1 h at 760 �
Kim et al. [8], Palumbo et al. [9], Lehockey et al.
[10] and Alexandreanu et al. [11] have demonstrated
the beneficial influence of GBE in mitigating SCC in
austenitic alloys and Ni-base alloys. Little work has
been reported on F–M alloys. Gupta et al. [12,13]
have demonstrated the beneficial influence of GBE
on creep properties of F–M alloy T91. It is envis-
aged that CSL-enhancement would improve the
SCC behavior of F–M alloy HT-9 in SCW both
with and without the effect of irradiation due to
the reasons discussed above.

The purpose of the current study is to investigate
the effect of GBE on SCC of F–M alloy HT-9 for
use as structural material in the SCWR. CERT tests
were conducted in deaerated water at 400 �C and
500 �C on unirradiated and irradiated F–M alloy
HT-9 in the as-received (AR) and CSL-enhanced
(CSLE) condition to observe the effect of GBE on
the susceptibility of HT-9 in SCW. Further, micro-
structural characterization was performed on the
specimens in the AR and CSLE condition both
before and after the CERT test to understand the
role of GBE on the SCC behavior of HT-9.

Because the dissolved oxygen concentration has
been shown to affect the growth of the oxide layer,
experiments were also conducted on samples
implanted with oxygen to modify the oxide growth
during exposure to SCW [14]. These studies showed
a smaller weight gain for the surface modified (SM)
HT-9 during exposure experiments at 500 �C in
SCW as compared to unmodified HT-9. It was
envisaged that surface modification might also
improve the SCC resistance of HT-9 in SCW.
Therefore, SCC experiments were conducted on
SM HT-9 in SCW at 500 �C in both the irradiated
and unirradiated condition.

2. Experiment

2.1. Material and sample fabrication

The chemical composition of HT-9 heat used in
this study is given in Table 1. Samples in the form
of tensile bars with a gage length of 21 mm and a
cross-section of 2 mm · 2 mm were fabricated via
Cu C P Al S N Fe

0.04 0.20 0.02 0.01 0.006 0.047 Bal.

C (air cooled).



Fig. 1. Dimensions of tensile bars used for CERT experiments in
SCW.
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electric discharge machining, Fig. 1. The standard
heat treatment consisted of a solution anneal at
1040 �C for 30 min to completely austenitize the
microstructure and dissolve the carbides, followed
by air-cooling and then tempering at 760 �C for
60 min to relieve the stresses and enhance toughness
(Note that this heat-treatment was given to the alloy
plate prior to sample fabrication via EDM.). This
heat-treatment resulted in large grains of approxi-
mately 50 lm. Further, all the tensile bars were
mechanically polished by SiC abrasive paper up to
Fig. 2. Microstructure of HT-9; (a) SEM image showing the average g
grain boundary and packet boundary, (c) SEM image showing the carb
and (d) TEM image of lath structure in HT-9.
a grit of 4000 and then electropolished in a solution
of 10% perchloric acid and 90% methanol at �30 �C
and 40 V before being used for CERT tests (This
ensured the removal of the remelt layer from
EDM process, as the thickness of the remelt layer
is �5 lm on each side, while �70 lm were removed
by polishing on each side.).
2.2. Microstructural characterization of HT-9

HT-9 is a low carbon steel that is used in the two
phase, ferritic–martensitic structure. The micro-
structure consists of tempered martensite laths
forming subgrains in a ferrite matrix, with carbides
and (V, Nb) carbonitrides precipitated mainly on
dislocations within the subgrains and on the prior
austenite grain boundaries (PAGBs). The subgrain
structure produced by martensitic transformation
and the precipitation of carbides and carbonitrides
are the primary microstructural features responsible
for high temperature strength. Fig. 2 shows the
microscopic images of HT-9 depicting various
rain size, (b) SEM image of a grain depicting the prior austenite
ides on the prior austenite grain boundaries and lath boundaries



Fig. 3. Microstructure of HT-9 in the as-received condition (a)
SEM image, and (b) Schematic.
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microstructural features; Fig. 2(a) is a SEM image
which shows the average grain size of 50 lm,
Fig. 2(b) is a magnified SEM image to show the
prior austenite grain boundary and packet bound-
aries in HT-9, Fig. 2(c) is a TEM image showing
the typical lath structure and Fig. 2(d) is a SEM
image of the carbides on the PAGB and lath
boundaries.

In performing grain boundary engineering on
HT-9, it is vital to fully understand the micro-
structure so as not to alter key elements of the
microstructure by the GBE process. In order to
get a simplified and clearer image of this complex
microstructure it is easy to understand it with a
schematic. Fig. 3 shows a schematic illustration of
the microstructure of HT-9 after tempering. The
regions within a grain with the same habit plane
and orientation define a packet which is the smallest
microstructural unit of martensite. The packet
boundaries and the PAGBs are generally the high-
angle boundaries. During tempering carbides and
carbonitrides precipitate on the PAGBs and lath
boundaries. The diffusion rate along high-angle
boundaries such as random boundaries is higher
than that along low-angle boundaries. Carbides
are expected to be formed more easily on the
PAGBs because these boundaries act as the faster
diffusion paths. Dislocations rearrange to form
subgrains within the laths (a subgrain is basically
a sub-structure within the deforming grain,
bounded by dislocation networks and formed due
to misorientations).
Fig. 4. Plots of R1 boundary in AR and CSL-enhanced condi-
tions in F–M alloy HT-9.
2.3. Grain boundary engineering

Earlier work done by Gupta et al. [15] on grain
boundary engineering of F–M alloy T91 has shown
that the fraction of low angle boundaries (R1) can
be increased by a thermo-mechanical process
involving 5% strain + 1040 �C: 1 h + 800 �C:
0.66 h, air cool without changing the other micro-
structural features such as grain size and carbide
size, location, and number density. Due to the
similarity of microstructural features in T91 and
HT-9 a similar thermo-mechanical treatment
of HT-9 involving 5% strain + 1040 �C: 0.5 h +
760 �C: 1 h, air cool was performed successfully to
increase the fraction of low angle boundaries (R1).
The prior austenite grain sizes were similar in the
two conditions (AR and CSLE). In order to mea-
sure the fraction of these special boundaries, in
HT-9 Orientation Imaging Microscopy (OIM) was
used. Typically OIM scans were performed over
an 80 lm · 60 lm area with a step size of 0.1 lm.
For OIM analysis samples were carefully prepared
metallographically by grinding with SiC abrasive
paper up to 4000 grit followed by polishing with
colloidal silica solution.

Due to the complex nature of the microstructure
it is important to determine which boundaries are
actually modified by CSL-enhancement. OIM anal-
ysis shows an increase in the fraction of R1 bound-
aries from the AR condition to the CSLE condition.
These low angle boundaries include the subgrain
boundaries as well as tempered lath boundaries.
Theoretically, a R1 boundary denotes a perfect (or
nearly perfect) crystal; i.e. no boundary. However
boundaries relatively close to the R1 orientation
are those with only small misorientations (greater
than 0� but less than 15�) called ‘small-angle grain
boundaries’ – and they are subsumed under the term
R1 boundaries. The fraction of these low angle
boundaries with misorientation less than 3� is higher
in CSLE samples as compared to AR samples by
about 30% (Fig. 4). These are typically the subgrain
boundaries.
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2.4. Surface modification

HT-9 SCC bars were ion implanted with oxygen at
about 40 kV to a dose of 3 · 1017 ions/cm2, using the
plasma immersion ion implantation (PIII) process
[16]. Fig. 5(a) and (b) shows the arrangement of the
SCC samples on the PIII stage and a schematic illus-
tration of the PIII process, respectively. All the SCC
samples were placed on rectangular Al strips in a
manner that the gage length made complete contact
with the Al strip and the threaded ends hung out.
This ensured that gage length part received sufficient
cooling and did not get heated due to the energy of
the implanting ions. The depth of the modified region
was approximately 0.15 lm (Note here that EDM-ed
surfaces on SCC specimens were mechanically pol-
ished by grinding on a SiC abrasive paper up to
4000 grit and then electropolished to remove the
remelt layer prior to surface implantation).

2.5. Proton irradiation

F–M alloy HT-9 in the AR, CSLE, and SM con-
ditions was irradiated with 2 MeV protons at
400 ± 10 �C and 500 ± 10 �C to a dose of 7 dpa at
Fig. 5. (a) Arrangement of samples for surface modification and, (b)
(PIII) system.

Table 2
Summary of the CERT tests conducted on HT-9

Temp (�C) Allo

Irrad. CERT

– 400 HT-
– 500 HT-

HT-
500 400 HT-
400 400 HT-
500 500 HT-

HT-
500 500 HT-
– 500 HT-

AR = As received, SM = surface modified, CSLE = grain boundary en
a dose rate of 2 · 10�5 dpa/s. Proton irradiations
were performed on tensile bars using a specially
designed stage connected to the General Ionex
Tandetron accelerator at the Michigan Ion Beam
Laboratory. The experimental details can be found
elsewhere [17].
2.6. Stress corrosion cracking experiments

Constant extension rate tensile (CERT) tests were
performed in the multi-sample supercritical water
system. Table 2 gives a summary of the CERT tests
conducted on HT-9 samples in various conditions
(Note here that one sample was tested for each condi-
tion.). The tensile samples were strained at a rate of
3 · 10�7 s�1. During exposure, the temperature
inside the autoclave was controlled to within ± 5 �C
of the target temperature. The pressure was main-
tained at 25.2 ± 0.1 MPa. High purity water was
used as test medium and the dissolved oxygen (DO)
content was maintained below 10 ppb at inlet and
outlet by purging argon gas continuously. Both inlet
and outlet conductivities were less than 0.1 lS/cm.
The flow rate was maintained at about 65 ml/min.
schematic illustration of the plasma immersion ion implantation

y condition Environment

9 AR Deaerated SCW
9-SM, HT-9 AR,
9 CSLE

Deaerated SCW

9 AR(7 dpa) Deaerated SCW
9 AR(7 dpa) Deaerated SCW
9 CSLE, HT-9 AR,
9-SM (both at 7 dpa)

Deaerated SCW

9 AR(7 dpa) Argon
9 AR Argon

gineered.
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Since earlier CERT experiments provided evi-
dence of intergranular (IG) cracking in HT-9 [1,3]
further CERT tests were conducted where both
unirradiated and irradiated HT-9 samples were
tested at 500 �C in both SCW and argon in order
to isolate the effect of microstructure, irradiation
and environment on the cracking behavior of
HT-9. Further to understand the role of surface
modification, independent experiments were per-
formed by exposing HT-9 steel in the as-received
and oxygen ion implanted conditions to SCW at
500 �C.

2.7. Fractography

Following CERT tests, the samples were exam-
ined using a Philips XL-30 scanning electron micro-
scope (SEM). The fracture surface and the faces of
the sample gage sections were analyzed. Crack anal-
ysis was performed on cross-section of SCC samples
prepared by mounting in epoxy resin followed by
mechanical polishing. The mounted specimens were
etched in a solution of 1 part HCl to 3 parts HNO3

in order to observe the grain boundaries. The cracks
Fig. 6. Low magnification image of fractured SCC sample of
HT-9.

Fig. 7. SEM image of the carbide particles on PAGB in the (a) AR con
were investigated in SEM in both secondary-elec-
tron (SE) and back scattered-electron modes. The
crack depth was measured from the deepest part
of crack to the outer oxide layer. Analysis of cracks
on HT-9 was performed on three areas of SCC bars;
marked as A, B and C, Fig. 6. These areas are
defined by the width in the necked region to that
in the un-necked region. Area A is from gage frac-
ture to 80% of original width, area B is from 80%
to 90%, and area C is from 90% to un-necked width.
Area A is characterized by extensive localized plas-
tic deformation and no crack analysis was per-
formed in this region. Cracks were recorded only
in areas B and C.

3. Results

3.1. Irradiated microstructure

Carbide coarsening during irradiation at 500 �C
was measured at PAGBs. The carbide size at PAGBs
in the AR condition increased from 365 ± 15 nm to
405 ± 17 nm after irradiation (Fig. 7). Error bars
depict the standard deviation from a set of 30 read-
ings. Minimal or no coarsening was observed for
carbides on the lath boundaries.

3.2. Surface modified corrosion samples

The SM samples used in exposure tests were
characterized for weight gain and the structure
and morphology of the oxide layer itself were char-
acterized by scanning electron microscopy (SEM),
X-ray diffraction, and electron backscattered imag-
ing techniques [18]. It was observed that the weight
gain of the SM samples was higher for lower expo-
sure durations, but for longer durations the weight
gain was higher for the untreated samples (Fig. 8).
dition and, (b) AR condition after irradiation at 500 �C to 7 dpa.



Fig. 8. Plot of weight gain for untreated and SM HT9 in SCW at
500 �C.
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Fig. 9 shows results of the XRD analysis for both
the AR and SM specimens after exposure time of
1, 2 and 3 weeks in SCW at 500 �C. The standard
pattern for magnetite is indicated in the figures by
vertical dashed lines. The XRD relative peak inten-
sities of AR samples with various exposure periods
were very similar and close to those of standard
magnetite. However, for SM samples, only the sam-
ples exposed for 505 h showed these relative peak
intensities, whereas some preferred crystal orienta-
tions (texture) appeared in samples exposed to
shorter exposure time (172 and 333 h). The pre-
ferred orientations are (111) and (110) for 172
and 333 h exposed samples, respectively.
Fig. 9. XRD plots showing analysis of the oxide layers for the (a) untre
500 �C.
3.3. CERT experiments

Table 3 gives a summary of the results obtained
in the CERT tests on HT-9. With an increase in test
temperature the yield stress and maximum stress
decrease while elongation increases. Irradiations
lead to an increase in the yield stress and maximum
stress along with a decrease in percent elongation
and reduction in area. Samples irradiated at the
lower temperature had higher yield stress and max-
imum stress and lower values of percent elongation
compared to the samples irradiated at higher tem-
perature. CSLE specimens had a higher percent
elongation and higher reduction in area and similar
values of stresses when compared with AR speci-
mens under similar test conditions for both the irra-
diated and unirradiated conditions. Note that the
irradiated specimens are basically composite sam-
ples with 25 lm of irradiated region (only one side
of the tensile bars is irradiated during proton irradi-
ations [17]) and the balance being unirradiated. The
strains to failure for all the unirradiated and irradi-
ated HT-9 were very similar. However, the CSLE
samples exhibited a small but consistent increase
in strain to failure as compared to the AR condition
as shown in Fig. 10 for both unirradiated and irra-
diated samples. Surface modification does not affect
the mechanical properties (yield stress, maximum
stress, % elongation and reduction in area) in either
the unirradiated or irradiated conditions. Note here
ated and, (b) SM specimen of HT-9 after exposure tests in SCW at



Table 3
Results of CERT tests conducted on HT-9

Temp (�C) Alloy condition Environment Yield stress
(MPa)

Max stress
(MPa)

RA% Elong %

Irrad. CERT

– 400 HT-9 AR Deaerated SCW 490 575 51.5 12.1
– 500 HT9 AR Deaerated SCW 471 482 63.6 14.4
500 400 HT-9 AR(7 dpa) Deaerated SCW 495 590 50.1 11.0
400 400 HT-9 AR(7 dpa) Deaerated SCW 520 640 34.3 10.1
500 500 HT-9 AR(7 dpa) Deaerated SCW 474 484 62.9 14.4
– 500 HT-9 AR Deaerated SCW 463 478 63.4 14.7
500 500 HT-9 AR(7 dpa) Argon 477 491 63.6 14.8
– 500 HT-9 AR Argon 469 482 64.1 14.9
500 500 HT-9 CSLE (7 dpa) Deaerated SCW 473 486 65.2 14.8
– 500 HT-9 CSLE Deaerated SCW 461 473 68.5 15.3
500 500 HT-9 SM Deaerated SCW 471 480 63.1 14.4
– 500 HT-9 SM Deaerated SCW 462 477 63.5 14.8

Fig. 10. Plot of stress vs. strain for CERT test in deaerated SCW
at 500 �C for HT-9 AR and HT-9 CSLE samples in both the
unirradiated and irradiated (at 500 �C to 7 dpa) conditions.
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that the limited number of experiments may pre-
clude a strict quantitative analysis and comparison,
the general trend is more important.
Fig. 11. SEM image of carbide at the PAGB after CERT test i
Microstructural characterization was performed
on AR and CSLE specimens in gage sections both
before and after CERT test at 500 �C. Carbide size
on the PAGB was measured for both the AR and
CSLE specimen after the CERT test and compared
to its size before the CERT test. The carbide size on
PAGBs in both the AR and CSLE conditions before
the CERT test was similar. It was observed that
CSL-enhancement led to reduced coarsening of
the carbides on PAGBs. Fig. 11(a) and (b) shows
the carbide size on PAGBs for both the AR and
CSLE conditions. The carbide size increased from
363 ± 16 nm to 410 ± 20 nm in the CSLE condition
and from 365 ± 15 nm to 455 ± 21 nm in the AR
condition. The error bars were obtained as standard
deviation from a data set of 30 readings.

3.4. Fractography

Examination of the side surface of the sample pro-
vided evidence of cracking in HT-9. Cross-section
n SCW at 500 �C in the (a) AR and, (b) CSLE condition.



Table 4
Summary of the results of cracking analysis on HT9 for CERT tests

Alloy Environment Temp(�C) Max crack
length (lm)

Crack density
(#/mm2)CERT Irrad.

HT-9 AR SCW 400 – 3.80 5.0
HT-9 AR SCW 500 – 13.2 22.5
HT-9 AR SCW 400 500 6.20 8.75
HT-9 AR SCW 400 400 12.6 13.75
HT-9 AR SCW 500 500 18.4 28.75
HT-9 AR Argon 500 – 8.30 2.50
HT-9 AR Argon 500 500 9.10 3.75
HT-9-CSLE SCW 500 – 10.2 15.0
HT-9-CSLE SCW 500 500 13.2 17.5
HT-9-SM SCW 500 – 11.5 21.0
HT-9-SM SCW 500 500 17.5 27.0
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analysis was done according to the process described
earlier. IG cracking was evident in HT-9 under all the
test conditions. Table 4 gives a summary of the crack
analysis done for HT-9 under all test conditions.
Cracking susceptibility increases with temperature,
oxygen content and irradiation with cracking being
more severe at lower irradiation temperature. Crack-
ing has been reported in terms of crack density and
also maximum crack depth.

Fig. 12 shows a plot of maximum crack depth
and crack density for HT-9, HT-9-SM and HT-9-
CSLE for CERT tests at 500 �C in SCW for both
the unirradiated and irradiated conditions. CSLE
samples had lower cracking as compared to the
AR samples under similar test conditions in both
the irradiated and unirradiated case. Similarly the
SM samples had lower cracking than the AR sam-
ples in both the unirradiated and irradiated condi-
tions though the difference is insignificant in
irradiated samples. In terms of cracking the irradi-
Fig. 12. Plot of maximum crack depth and crack density for HT-
9 for all unirradiated specimens and irradiated conditions.
ated CSLE sample behaved similar to the AR unir-
radiated condition (the maximum crack depth was
similar in the two conditions, while the crack den-
sity was lower in the irradiated CSLE condition).
Essentially, CSL-enhancement mitigates the effect
of irradiation on cracking. Fig. 13 displays IG
cracking in HT-9 and HT-9-CSLE tested at 500 �C
in deaerated SCW for four test conditions; (a)
AR, (b) AR-Irradiated (500 �C, 7 dpa), (c) CSLE
and (d) CSLE-Irradiated (500 �C, 7 dpa).
4. Discussion

4.1. Intergranular fracture in HT-9

In this study, IG cracking in HT-9 was observed
in an inert environment of argon, suggesting that
the microstructure of HT-9 plays a role in the inher-
ent susceptibility to IG cracking. Alamo et al. [19]
observed intergranular fracture in addition to some
ductile regions with dimples in HT-9 irradiated to a
dose of 3.4 dpa at 325 �C in the Osiris reactor and
tested at 20 �C in air. It is well established that duc-
tile failure is initiated by the nucleation of voids at
second phase particles. There is evidence in the liter-
ature that fracture in steels is generally initiated at
second phase particles or inclusions [4,20–23]. The
voids form either by cracking of the particles, or
by decohesion at the particle/matrix interfaces
[24,25]. The strain required for void nucleation
decreases with increasing volume fraction of car-
bides, which in turn can be linked to the carbon con-
tent of the steel. The formation of voids begins as a
result of high stresses imposed by dislocation arrays
on individual hard particles. The coarser particles
lead to higher local stress concentrations, which



Fig. 13. SEM images showing IG cracks in HT-9 fractured specimens after CERT tests in deaerated SCW at 500 �C for the following
conditions; (a) AR, (b) AR-irradiated at 500 �C to 7 dpa, (c) CSLE and (d) CSLE-irradiated at 500 �C to 7 dpa.

Fig. 14. SEM image of HT-9 AR showing the linear carbide
density on PAGB.
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cause localized rupture and microcrack formation
[4].

HT-9 steel contains twice as much carbon as does
T91 and HCM12A steel. In the normalized-and-
tempered condition, it contains almost twice as
much precipitates (3.8 wt% precipitates in HT-9 as
compared to 1.5 wt% in T91) [26]. Measurements
made in this study show a linear carbide density
of 2.2 lm�1 in HT-9 AR (Fig. 14) as compared to
1.5 lm�1 in T91 AR on PAGBs [15], confirming
the greater volume fraction of carbide in HT-9 vs.
T91. Thus the high level of carbon results in greater
carbide volume fraction and coarser grain boundary
carbides.

There are other microstructural features that
might be contributing factors, although they have
not been explored as yet. The absence of niobium
in HT-9 leads to a large initial prior austenite grain
size [27]. For quenched and tempered steels, a small
prior austenite grain size improves SCC resistance
[28] due to the lower back stresses as expected from
Hall–Petch relationship [21]. The grain size of HT-9
used in this study is almost four times that of T91
and HCM12A, neither of which exhibited cracking.
A large austenite grain size, under the same test con-
ditions, should increase the embrittlement because
the size of the dislocation arrays impinging on the
grain boundary carbides will be larger and thus
more effective in forming crack nuclei. Another fac-
tor is the presence of d-ferrite in HT-9 (absent in
T91 and HCM12A), which can be a major cause
of decrease in strength. Work by Schafer et al. [29]



170 G. Gupta et al. / Journal of Nuclear Materials 361 (2007) 160–173
indicates that fracture is initiated at carbide parti-
cles on the d-ferrite/martensite interface.

From the available data in literature and this
study on fracture of HT-9, IG cracking likely results
from fracture of grain boundary carbides. Higher
carbon content and coarser carbides cause greater
amounts of IG cracking. The following sections will
review the dependencies of IG fracture on grain
boundary character, irradiation and the environ-
ment in light of the role of grain boundary carbides.
4.2. Role of GBE in intergranular fracture of HT-9

The effect of GBE on HT-9 in SCW can be
understood by comparing the tensile behavior of
the AR and CSLE conditions for HT-9 under simi-
lar test conditions. In both the unirradiated and
irradiated conditions the CSLE samples displayed
a higher strain to failure as compared to AR sam-
ples. Similar observation was made in the case of
T91 where the CSLE condition displayed higher
strain to failure and a larger reduction in area for
both irradiated and unirradiated condition [2].

The CSLE specimens exhibited less cracking as
compared to the AR specimen for both unirradiated
and irradiated conditions. Due to the lower diffusiv-
ity of these special CSL or low angle boundaries the
coarsening of the precipitates should be reduced.
This suggestion was confirmed by measurement in
which coarsening of grain boundary carbides in
the AR sample was double that of the CSLE sam-
ple. Studies done by Singhal et al. [30] and by Lim
et al. [31] have shown that coarse precipitates were
observed more on high-angle boundaries and that
it is related to the energy of the boundary. Gunther
et al. [32] in his study on the carbide density and
Fig. 15. Intergranular crack on HT-9 tested at 500 �C dea
grain boundary character in tempered martensitic
steel HT-9 has shown that carbides grow and pre-
cipitate more easily when grain boundary energies
and diffusivities are higher. They suggested in their
results that certain micrograin boundaries are more
suitable to nucleation and growth of carbides as
compared to the others. If carbides do indeed act
as sites for crack initiation, then coarser carbides
are more prone to fracture. Since CSL-enhancement
leads to reduced coarsening, then the beneficial
effect of the CSLE process is the suppression of
coarsening of the grain boundary carbides.
4.3. Role of environment

The susceptibility to cracking of HT-9 increased
in going from an argon environment to the deaer-
ated water to the 300 ppb oxygen containing water
at the same temperature. Steven et al. [33] observed
evidence of IG cracking in HT-9 in CERT tests in
oxygenated water at 100–230 �C and they related
this to higher strength and lower toughness of
HT-9 and the presence of precipitates at prior aus-
tenite grain boundaries. This increase in cracking
with more aggressive environment can be explained
if it is assumed that cracking is initiated due to the
formation of microcracks at grain boundary carbide
particles. The process of microvoid coalescence can
be modified by the influence of the environment
during the subsequent plastic flow and breakage of
the ligaments between the voids. Oxidation occurs
rapidly in F–M alloys in high temperature SCW,
where the fresh metal exposed by crack nuclei oxi-
dizes and ruptures [34]. The rapid growth of oxides
may create wedging stresses in the cracks which
promotes additional crack growth. Fig. 15 shows
erated SCW and the EDS line scan across the crack.
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the EDS scan inside a crack for HT-9 tested in SCW
at 500 �C. Two distinct oxide layers were observed, a
Cr-rich iron oxide in contact with the metal and an
iron oxide in the middle. This is similar to what
has been observed on the surface by Pantip et al.
[1], indicating that the oxide morphology and perhaps
the oxide growth rate in a crack is similar to that
observed on the surface. The micrograph clearly
demonstrates that the oxide (which has a higher spe-
cific volume that the base metal from which it forms)
will exert pressure at the crack tip and make it grow.
Oxide growth in the crack is occurring nearly
perpendicular to the direction of crack propagation.
From corrosion experiments conducted by Pantip
et al. [1] on HT-9 at 500 �C in SCW the growth rate
of the oxide film was observed to be approximately
1.17 lm/h. This is higher than the average crack
growth rate (CGR) for HT-9 at 500 �C in SCW
(0.068 lm/h), providing support for the idea that
the CGR could be influenced by oxide growth.

That IG cracking was observed in HT-9 not only
in SCW but also in an inert environment of argon
suggests that an aggressive environment is not
responsible for the inherent susceptibility to crack-
ing but plays an important role in enhancing crack
growth. Further, since T91 and HCM12A, two
F–M alloys with similar composition to HT-9, do
not crack in the most aggressive environment
emphasizes the fact that environment alone is not
responsible for cracking. Rather a combination of
environment and microstructure is a determining
factor for cracking in HT-9. Oxidation in combina-
tion with wedging stresses are the likely cause of the
observed environmental enhancement of high
temperature IG cracking in HT-9.

4.4. Role of proton irradiation on fracture

The precipitate particles coarsen during irradia-
tion at 400 �C and 500 �C [35], thus causing a
decrease in fracture stress and an increase in DBTT,
even in the absence of further hardening. At 500 �C,
the grain boundary carbides in this study coarsened
by 10%, yielding roughly a 33% increase in volume.
Even though there is no significant hardening due to
irradiation at 500 �C the DDBTT does not go to
zero due to the coarsening of the large precipitates
during irradiation [36]. The larger irradiation-
induced shift in DBTT in HT-9 steel compared to
T91 steel after irradiation at >300 �C has been
attributed to the larger amount of carbide in HT-9
steel and to the irradiation-enhanced coarsening of
these precipitates, under the assumption that the
precipitates act as crack initiators [27]. Since irradi-
ation enhances coarsening of precipitates, and as
discussed earlier, coarser precipitates are more
prone to cracking, then it follows that irradiation
enhances cracking susceptibility due to the coarsen-
ing of the carbides at PAGBs.

4.5. Role of surface modification

It was observed that the weight gain of the SM
samples was higher for lower exposure durations,
but for longer durations the weight gain was higher
for the untreated samples. SEM examination indi-
cated that the oxide was denser (particulate density)
for the oxygen ion implanted samples for the lower
exposure times. This appears to indicate that the oxy-
gen ion implantation, which results in a high density
of nanometer size scale particles in the near surface
regions, may have resulted in more nucleation sites
in the early stages of oxidation making it more imper-
vious at later stages of growth. The formation of
nanometer-sized oxide precipitate particles has been
documented in earlier studies on T91 steel [37]. In
addition, X-ray diffraction of the samples after expo-
sure indicated a pronounced difference in the texture
of the oxide in the early stages of oxide growth. Thus
both the oxide growth direction and its physical
morphology are influenced by the prior oxygen ion
implantation. Further, it is well known that ion
implantation induces compressive stresses in the
near-surface regions of the material, which may delay
the nucleation of cracks. Further evaluation of crack
initiation and growth must be performed to provide a
better understanding of the role of oxygen ion
implantation on the SCC cracking response observed
in this study, and this is presently underway. It is
likely that any effect of the pre-formed oxide is limited
to the crack nucleation stage in CERT tests since the
depth of surface modification is only 0.15 lm which is
well below the proton irradiation depth of about
25 lm. Thus, after irradiation the difference between
the untreated and oxygen ion implanted samples is
substantially minimized.

5. Conclusions

• Ferritic–martensitic steel HT-9 exhibited inter-
granular stress corrosion cracking when sub-
jected to constant extension rate tensile tests in
an environment of supercritical water at 400 �C
and 500 �C.
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• HT-9 exhibited cracking in an inert environment
of argon, emphasizing the role of microstructure
in the inherent susceptibility to cracking.

• CSL-enhancement reduces cracking susceptibility
of HT-9 in both the irradiated and unirradiated
condition in SCW.

• Carbide coarsening was reduced in the CSLE
condition after CERT test in SCW.

• Irradiation resulted in increased susceptibility to
IG cracking.

• Irradiation-induced coarsening of the intergranu-
lar carbides in HT-9.

• Intergranular cracking of HT-9 likely results
from fracture of intergranular carbides. Further
the reduction of cracking in CSLE condition
and enhanced cracking observed in irradiated
samples seems to be consistent with the mecha-
nism that coarser carbides cause greater amount
of cracking.

• A high crack tip oxidation rate in combination
with wedging stresses is the likely cause of the
observed environmental enhancement of high
temperature intergranular cracking in HT-9.

• Surface-modification by oxygen ion implantation
reduced cracking susceptibility of HT-9 in both
the unirradiated and irradiated conditions; how-
ever, the change is insignificant in the irradiated
condition.
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